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Subcritical crack growth in silicon carbide
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Crack growth behaviour in two types of commercially available silicon carbide was
examined from 600 to 850° C in ambient atmospheres containing oxygen, water vapour,
and sulphur dioxide. The double-torsion specimen was used in the incremental dis-
placement rate mode to yield (K;, V) relations. The direct-bonded material exhibited
unstable crack propagation and arrest behaviour which was not measureably affected by
temperature variations or the corrosive environments. The hot-pressed material exhibited
subcritical crack growth similar to the three regions of the classical (K, V) diagram.
Oxidation of the silicon carbide is suggested to be the mechanism of stress corrosion

operating in these environments.

1. Introduction

Subcritical crack growth hasbeen well documented
in oxide ceramics such as glasses [1-5] and
alumina [4] for a range of temperatures and en-
vironments. The crack velocity results have gener-
ally shown three regions of behaviour as the stress
intensity factor increases: region I bounded by the
fatigue limit at low Kys with the crack velocity
controlled by the rate of the stress corrosion reac-
tion; region Il in which the velocity is nearly
constant with increasing Ky and thought to be
controlled by delivery rate of corrosive species to
the crack tip; and region IIl in which the crack
velocity increases rapidly with Kj approaching
Kic, and is thought to be controlled by factors
intrinsic to the material. Relatively little work has
been conducted on the mechanisms of subcritical
crack growth in silicon carbide ceramics, which are
being considered forhigh performance applications
in severe environments. To date, crack growth data
for hot pressed silicon carbide are available for
environments of toluene, argon, and water at room
temperature [6, 7], at 600° C [7] and 1400° C in
air [7, 8], and for sintered silicon carbide as well
as hot-pressed silicon carbide at 1600° C in air [8].
The results of Evans and Lange [7] and the present
authors [6] have shown the existence of moisture-
induced stress corrosion in hot-pressed silicon car-
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bide near room temperature. The value of the
slope in the Region I portion of the (Ky, V)
diagram, the region of slow crack growth controlled
by stress corrosion, is ~ 100, indicating that the
mechanism of moisture-induced stress corrosion is
not aserious consideration for life-time predictions
since crack growth will not occur until K values
approaching K¢ are realized in service.

Oxidation or corrosion can significantly affect
the strength of silicon carbide. Oxidation reduces
the room temperature bend strength of self-
bonded SiC [9], but has almost no effect on the
room temperature bend strength of hot-pressed SiC
[10,11], and increases the room temperature
bend-strength of Crystar SiC [11]. The different
behaviour of these materials has been attributed to
the crack-healing ability of the oxidation products
or the crack blunting associated with oxidation
itself [12]. Other work [13] has shown that hot-
pressed silicon nitride is stronger in vacuo than in
air indicating that oxidation may have accelerated
cracking.

2. Experimental procedure

2.1. Materials and characterization

The hot-pressed silicon carbide® and direct-bonded
silicon carbidet were obtained from the Norton
Company. Weaver and Olson [14] have reported
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the fabrication processes and the general properties
for the hot-pressed silicon carbide. The material
has a grain size of 2 to 5 um and Al, O is added as
a hot-pressing aid. Torti et al. [10] and Rogers
[15] have reported a density of 2.6 gcm™ and an
apparent porosity of 14% for the direct-bonded
material. This material has a grain size of 100 to
200 um. Edington et al. [12] have reported the
presence of several per cent free silicon in the
direct-bonded material.

The examination of fracture surfaces and deter-
mination of grain sizes were performed with a
scanning electron microscope. The energy dispersive
X-ray fluorescence analyser in the SEM was used
to -analyse for impurities and their spatial distri-
bution. The polytypes of SiC were identified by
X-ray diffraction analyses. Bulk densities were
determined from sample weights and dimensions.
The elevated temperature moduli were obtained
by resonance techniques from room temperature
to 800°C in air. The specimens were suspended
from transducers with thin wires into a split-tube
furnace. The flexural resonance frequency,
necessary for the calculation of the elastic modu-

lus, was monitored from room temperature to
800° C.

2.2. Thermogravimetric analysis
Thermogravimetric analyses were conducted in an
attempt to correlate variations in corrosion be-
haviour with differences in stress-corrosion
phenomena. The thermogravimetric analyses were
conducted at 1000° C in argon, argon plus 1vol %
oxygen, argon plus 0.3vol% water vapour, and
argon plus 1vol% sulphur dioxide. Argon which
contained <0.5ppm H,0 according to the sup-
plier’s specifications was used as the carrier gas
with a flow rate of 300 cm® min™ .

The system was flushed with argon for approxi-
mately 20 min before each run to minimize the
amount of residual oxygen and nitrogen in the sys-
tem. All gases were passed through anhydrous
CaSO, before entering the system to minimize
additional H,O impurities. After this step, the
sulphur dioxide or oxygen was added. The water
vapour was introduced by bubbling one half of the
argon stream through water before entering the
furnace chamber.

Samples for the analyses were small square
plates having surface areas of 6 to 10cm? as deter-
mined from the sample dimensions. The hot-pressed
material was polished with 6 um diamond paste

before testing while the direct-bonded material
was tested with the as-received surface intact. The
resulting weight changes of the materials were
monitored using an Ainsworth semi-micro recording
balance from which the samples were suspended.
The furnace was a vertical split-tube type controlled
to = 2° C with a Eurotherm controller.

2.3. Elevated temperature double torsion
testing

The dimensions of the direct-bonded silicon carbide
double torsion specimens were 3in. x 1} in. x § in.
A very shallow groove, typically 0.01in., was cut
into these specimens to guide the crack. The
dimensions of the hot-pressed silicon carbide
double torsion specimens were 3in.x 1%in. x
0.075 to 0.090in. The thickness of the specimens
in the groove was maintained at 0.030 to 0.0401n.
The specimens were cut from the billet such that
the specimen faces were perpendicular to the hot-
pressing direction.

The high temperature testing was accomplished
by the incremental displacement rate mode [4],
where the stress intensity factor is given by:

30 +0)]"
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where K is the stress intensity factor for mode I

failure, P is the load, Wy, is the moment arm, W is

the width of double-torsion specimen, D is the

thickness of double-torsion specimen, and D, is

the thickness of specimen remaining after grooving.
The crack velocity is given by:

V=2

BP @)

where Vis the crack velocity, y is the displacement
rate, and B is the slope of the compliance curve.
The values of Ky were determined by rapidly
loading a pre-cracked specimen to failure at a dis-
placement rate of 0.1 in. min.™

The direct-bonded material was tested in argon
plus 0.3 vol % water vapour, and argon plus 1vol %
sulphur dioxide at 800 and 600° C. The hot-pressed
material was tested in argon plus 0.3 vol % water
vapour at 850, 800, 750 and 600° C. Argon plus
1vol % sulphur dioxide, argon plus 1 vol % oxygen,
and “pure” argon were also used at 800° C. The
procedure for introducing and treating the gases
was similar to that used in the thermogravimetric
analyses.
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Figure 1 Schematic diagram of load train and furnace
arrangement for elevated temperature double-torsion
testing.

The load train and furnace arrangement used
for testing is schematically shown in Fig. 1. For
each investigation, the appropriate gas mixture was
flushed through the system before the furnace was
heated to the required temperature. The furnace
hot zone was, vertically, ~ 2 in. with a temperature
gradient across the sample of + 1°C. Once the
desired furnace temperature was attained, a small
load, typically 1 to 21b, was applied and the whole
system was allowed to equilibrate at that tem-
perature. The sample was then loaded at a dis-
placement rate of 0.002in.min™ until “pop-in”
of the crack was observed by a rapid load drop.
Following the “pop-in”, different strain rates were

TABLE I Elevated temperature elastic moduli of SiC

used to obtain the various points on the (K, V)
diagram. A table model Instron testing machine
was used for all mechanical testing.

3. Results and discussions
3.1. Characterization
With the exception of moduli and Poisson’s
ratios, the results of the characterization of the
hot pressed silicon carbide agree well with the
results of Weaver and Olson [14}. The value of
Poisson’s ratio obtained in this investigation, 0.12,
is much lower than reported previously, 0.17 [14].

The direct-bonded material has a grain size of
100 to 200 um and an apparent porosity of 16%.
The density was 2.65gcm™, approximately 81%
of the theoretical value. Aluminium was detected
at the grain boundaries with the energy dispersive
X-ray fluorescence analysis. Several per cent free
silicon is also present. The elevated temperature
moduli for the direct-bonded and hot-pressed
materials are shown in Table 1. The elastic
modulus, £, was measured directly, Poisson’s ratio
was assumed to be constant over the temperature
range (room temperature to 800° C), and the shear
modulus, G, was calculated from:

E

EG—“I-‘-V. 3)

3.2. Oxidation

The hot pressed material exhibited a maximum of
0.1 mg weight increase at 1000°C for all test
environments. This magnitude of weight change
approached the lower limit of resolution of the
apparatus used. A small amount of oxidation did
occur since interference colours could be seen on
the samples upon removal from the furnace.

The results of the thermogravimetric analyses
for the direct-bonded material are shown in Fig. 2.
Table 1I lists the partial pressure of oxygen avail-
able in the system due to each of the conditions
shown in Fig. 2.

27°C 400°C 600° C 800° C
Hot-pressed SiC v 0.115 0.115 0.115 0.115
E 66.3 X 10° psi* 65.2 X 10° psi 64.8 X 10° psi 64.1 X 10° psi
G 29.5 X 10 psi 29.4 X 10° psi 29.2 X 10° psi 28.9 X 10° psi
Direct-bonded SiC v 0.110 0.110 0.110 0.110
E 35.1 X 10° psi 34.2 X 10° psi 34.0 X 10° psi 33.3 X 106 psi
G 15.5 X 10° psi 15.4 X 10° psi 15.3 X 10° psi 15.0 X 10° psi

*10° psi = 6.89 Nmm™.
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TABLE II Available partial pressure of oxygen in the
TGA furnace ambient calculated from gas phase thermo-
dynamic data at 1000° C

Input environment Po, (atm)

Ar 5.0 x 1077
At + 1v01%0, 2.99 X 1073
Ar+0.3vol%H,0 1.54 X 107
Ar + 1vol% SO, 5.56 X 107°

According to Singhal [16] the oxidation of
silicon carbide is governed by the reaction:

SiCiy +3 Oz¢) = Si02(5) T CO;y.  (4)

If the partial pressure of carbon monoxide in
Equation 4 is fixed at 1 atm. or less, the calculated
equilibrium partial pressures of oxygen in Equation
4 are less than the partial pressures of oxygen
which were available in the system as given in
Table II. This result indicates that the available
partial pressures of oxygen are high enough so that
oxidation to SiO, should occur at 1000° C.

Fig. 2 shows that as the partial pressure of
oxygen is increased, the total amount of weight
gained is increased. Nair ef al. [17] have shown
that increasing the oxygen pressure will cause an
increase in the concentration of oxygen in the
glass in equilibrium with the oxygen containing
phase. Under the conditions represented in Fig. 2,
as the partial pressure of oxygen is increased, the
oxygen concentration at the surface of the product
silica layer will increase. This increased concen-
tration gradient results in more oxygen being
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Figure 2 Thermogravimetric analyses of direct-bonded
silicon carbide at 1000° C.

delivered to the SiO,-—SiC interface, causing an
increased oxidation rate.

In addition to the total weight gain increasing
with the partial pressure of oxygen, the parabolic
oxidation rate also increases with the partial
pressure of oxygen. This information in addition
to the results of Nair et al. [17] indicate the dif-
fusion of oxygen is rate-controlling for these
oxidation studies.

The initial oxidation rates (up to about 3h)
shown in Fig. 2 are greater than the oxidation rates
at 12 to 15h. These high initial oxidation rates are
probably due to the oxidation of the free silicon.

It has been reported in the literature [18] that
water vapour increases the oxidation rate of silicon
carbide. Fig. 2 alone does not indicate this. How-
ever, if the partial pressures of oxygen are con-
sidered, it is seen that the partial pressure of oxygen
in the water vapour investigation is three orders of
magnitude smaller than in the oxygen investigation.
Thus, the water vapour may indeed have increased
the oxidation rate over that which one would
observe in a dry system with the same partial
pressure of oxygen.

No weight loss was noted in any of the samples
in any of the environments. This result, in addition
to those of Lin [19] indicates that oxidation
produces SiO, and not gaseous SiO which would
result in loss of weight.

The oxidation of the direct-bonded material
was more pronounced for two reasons. The first
reason is that the surface area measured using
sample dimensions was probably a gross under-
estimate of the actual surface area due to the large
fraction of interconnected porosity in the direct-
bonded material. Thus, the effective surface area is
much larger than the calculated surface area. The
second reason is the presence of free silicon which
oxidizes more rapidly than SiC.

3.3 High temperature crack propagation
results

The direct-bonded material exhibited unstable
crack propagation and arrest behaviour at all tem-
peratures and in all environments investigated.
Upon loading a pre-cracked specimen, the crack
front would erratically “pop-in” and arrest at low
deflection rates with no continuous subcritical
crack growth noted. The value of Ky determined
at higher deflection rates was reproducible at
2.09MNm™¥2, The unstable crack propagation
and arrest behaviour in this material is attributed
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-2.0 T T T T Figure 3 Stress intensity factor versus crack
velocity for hot-pressed silicon carbide at
Kic elevated temperatures.
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to the large grain size relative to the sample dimen-
sions. The type of fracture observed was trans-
granular for all environments. Variations in the
test temperature and gaseous environment did not
affect the stress-intensity values for crack initiation
and arrest.

The (K7, V) data for the hot-pressed material
are shown in Fig. 3. The value of K¢ obtained at
800°C in an environment of argon plus water
vapour was 4.07MNm™2, the same as that
obtained at low temperature [6]. The value of the
stress intensity exponent for the data shown at
600°C, ~110, is in good agreement with the
results of Evans and Lange [7], and similar to the
value obtained for moisture-induced stress cor-
rosion at room temperature [6].

The appearance of region Il in this investigation
is the first time plateau behaviour has been reported
in this material accompanied by a small slope in
region I at these temperatures. Evans and Lange

{7] reported region T behaviour and a slope of 21
for hot-pressed silicon carbide at 1400° C. The
region I slope in the present investigation is 16.
However, at 1400° C the small slope is attributed
to crack propagation by plastic deformation at the
grain boundaries, a mechanism which probably
does not operate at the low temperatures studied
in this investigation.

Thermodynamic calculations shown in Table 111
indicate that for all environments and temperatures
investigated, the partial pressure of oxygen avail-
able for oxidation in the system is greater than the
equilibrium partial pressure of oxygen for Equation
4, assuming an extreme upper limit for the partial
pressure of CO of 1 atm., indicating that oxidation
will occur. The equilibrium partial pressures in
Table III are probably overestimates since the
partial pressure of CO in the system is probably
much less than 1 atm.

The data presented for 800° C indicate that, at

TABLE 111 Partial pressures of oxygen in the test ambients and equilibrium partial pressures of oxygen calculated from
the AG%S for SiC(S) +3/2 0, ® = Si0, ORS CO(g), K =Pcol(P()2)3/2 .

Temperature Input environment AGR (calmol™) Equilibrium Po2 (atm) Available
(o) (assuming Pag = 1 atm) Po, (atm)
600 Ar+ 0.3 vol%H,0 — 199563 6.13 X 107 5.09 x 1077
750 Ar+03vol%H,0 — 196 813 1.05 X 1072 7.15 X 1077
800 Ar + 1vol% S0, — 195938 2.5 X 107% 5.008 X 107”7
800 Ar + 0.3vol%H,0 — 195938 2.5 X 1077 1.04 X 10°¢
800 Ar + 1vol% O, — 195938 2.5 X107 2.995 x 1073
800 Ar — 195938 2.5 X107 50 X107
850 Ar + 0.3vol% H,O0 — 195038 492 x 1072 1.75 X 107
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least within the precision of the calculations, the
stress-corrosion mechanism is independent of the
partial pressure of oxygen. This result suggests that
if stress-corrosion occurs by an oxidation mech-
anism, the mechanism is operative as long as the
partial pressure of oxygen in the ambient exceeds
the equilibrium partial pressure of oxygen for
oxidation of silicon carbide. These results coupled
with the TGA data for the hot-pressed and direct-
bonded materials indicate that the slow crack
growth process is unrelated to the parabolic
diffusion-controlled oxidation regime. One is led
to the speculation that the crack growth process is
controlled by the interface reaction rate controlled
regime of oxidation in which the reaction rate is
not much affected by the partial pressures at these
very high values relative to the equilibrium partial
pressures. However, since the cracks propagate
intergranularly in this material, it is possible that
the slow crack growth is controlled by a reaction
of the atmosphere with a grain-boundary phase or
by the intrinsic mechanical properties of this
phase as suggested for the 1400° C behaviour [7].
More detailed studiesare required to unequivocally
establish the operative mechanisms. The stress
corrosion behaviour indicated in Fig. 3 does not
depend on the water content of the atmosphere
indicating that moisture-induced stress-corrosion
plays a secondary role, if any.

The magnitude of region II at these elevated
temperatures is apparently not sensitive to the
oxygen partial pressure. Regions II diminishes and
is shifted to higher velocities with increasing tem-
peratures sugesting that, as the temperature is
increased the delivery rate of the corrosive species
to the crack tip increases, if stress-corrosion is the
operative mechanism. The result is that the crack
must reach a higher velocity before delivery of the
stress-corrosive species is rate-limiting. Also, a
higher velocity must be reached before these
species can no longer be delivered to the propa-
gating crack and purely mechanical fracture
governs the crack growth rate.

Fracture in the hot-pressed material was
primarily intergranular. Fracture surfaces obtained
at elevated temperatures were qualitatively indis-
tinguishable from those obtained at low tempera-
tures in relatively dry environments [6], indicating
that the intergranular fracture is a result of the
fine grain size, and that the stress-corrosion
mechanism operating via the grain boundaries does
not alter the type of fracture observed.

4. Conclusions

The direct-bonded silicon carbide exhibited un-
stable crack propagation and arrest behaviour in all
environments and at all temperatures investigated
even though the material exhibited considerable
weight gain because of oxidation. It is thought
that the large grain size, relative to specimen
dimensions in the material used in this study,
prohibited the observation of continuous sub-
critical crack growth.

The hot-pressed silicon carbide exhibited slow
crack growth at elevated temperatures in SO,,
H,0, and O, containing ambients. It is suggested
that the mechanism of slow crack growth is stress
corrosion via the oxidation reaction and is oper-
ative as long as the available partial pressure of
oxygen is in excess of the equilibrium partial
pressure of oxygen for the oxidation of silicon
carbide to SiO,.
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